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In this work it was found for a range of zirconium-metal alloys that the differences in atomic 
size, electronegativity and valence of the metals with respect to zirconium, and the extent of 
the mutual solid solubility act as phenomenological connections between the fast diffusion of 
the metal in zirconium and the ability of the zirconium-metal alloy to form glasses. It was 
found that all the alloys of zirconium which exhibit fast diffusion are also able to form glasses. 
Only metallic glasses obtained by rapid quenching from the melt were considered. The analy- 
sis was performed using two criteria to evaluate the glass-forming ability of the alloy, the 
criteria to ascertain those metals that can behave as fast-diffusing solutes in zirconium and the 
data for heterodiffusion in zirconium. 

1. Introduct ion 
The fast diffusion of metallic solutes in metals [1] is a 
widely known phenomenon. It has been observed for 
the noble metals, zinc, beryllium and the later tran- 
sition metals diffusing in high-valent metals (indium, 
thallium, tin and lead), in the early members of the 
d-transition groups (especially titanium and 
zirconium) or in some elements of the lanthanide and 
actinide series [1, 2]. The diffusion coefficient of the 
fast-diffusing solute is several orders of magnitude 
greater (the precise value depending on the solvent) 
than the solvent self-diffusion coefficient. 

In earlier work [3] we have studied heterodiffusion 
in zirconium and the phenomenological criteria that 
allow potential fast solutes to be identified. The litera- 
ture on metallic glasses reveals many binary metallic 
alloys that form glasses and are also fast-diffusing 
systems. A decade ago and for the first time Turnbull 
[4] pointed out this experimental fact for "systems 
composed mainly of noble or certain transition metals 
(A) alloyed with certain metalloidal or electropositive 
elements (B)". A phenomenological analysis of the 
effect of alloying a pure metal on its glass-forming 
ability (GFA) led Turnbull to the assumption that in 
these "elemental combinations AB the interatomic 
potential is least sensitive around its minimum to the 
AB separation and the local configuration". Such a 
weak interaction would favour both the tendency to 
glass formation and the tendency to the fast diffusion 
behaviour [4-6]. 

A metallic glass is an alloy supercooled below a 
particular temperature Tg, with its atomic con- 
figuration frozen so as not to change appreciably with 
temperature. T=, the glass transition temperature, is 
conventionally defined as the temperature at which 
the viscosity is 1013 poise. The Tg value is defined by 
the kinetics of the solidification process and it falls as 
the cooling rate decreases. Glassy metals (strictly, 
alloys) can be obtained in suitable systems by several 

methods, notably rapid quenching from the melt. The 
rate of cooling characterizes the quench and varies 
between 105 and 108Ksec -~ when the quenching 
method used is one of those classified as "splat" [6, 7]. 
In this work we shall consider only glassy metals 
prepared by rapid quenching from the melt. 

Much effort has been devoted to the search for 
universal criteria for identifying those binary, ternary 
or higher order alloys that readily form a glass on 
rapid quenching from the melt [8]. Using the classi- 
fication of GFA alloys into categories [9], two of the 
criteria for the prediction of the GFA-the  structural 
[9, 10] and the thermodynamic [1 l]-which had both 
been applied by their authors to the zirconium-metal 
systems, and working with the criteria for predicting 
fast diffusion [3], we have attempted in this paper to 
find the phenomenological connections between GFA 
and fast diffusion for zirconium-metal systems. 

2. Previous studies 
2.1. Fast diffusion in zirconium 
In h c p a-zirconium, the volume diffusion coefficients 
of the fast-diffusing solutes manganese [12], chromium 
[13], beryllium [14], copper [15], iron [3, 16], nickel [16] 
and cobalt [17] at very high dilution are three to seven 
orders of magnitude larger than the zirconium self- 
diffusion coeffÉcient measured in polycrystals [18]. At 
very high dilution, there are other solutes, predomi- 
nantly substitutionals, that diffuse within one order of 
magnitude slower than (antimony [19], aluminium 
[19], yttrium [20], vanadium [21]) or faster than 
(cerium [22], niobium [18], cadmium [3], tantalum [23], 
silver [19, 24], gold [19]) or even at the same rate as 
(titanium, [19], tin [25], molybdenum [22]) self- 
diffusion in a-zirconium polycrystals. 

Solute atoms form a mixed substitutional and inter- 
stitial solid solution in which the fast diffusion is due 
to migration of the interstitial atoms. Such a mixed 
solution is named a dissociative solution [1, 3]. In this 

6 4  0022-2461/86 $03.00 + .12 © 1986 Chapman and Hall Ltd. 



dissociative solution, interstitial and substitutional 
solute atoms are in mutual equilibrium. The measured 
solute diffusion coefficients suggest [26] that the equi- 
librium atomic fraction of interstitials starts, increas- 
ing gradually from the slowest predominantly sub- 
stitutional solutes, to become distinctly predominant 
for the fast-diffusing solutes. 

For the sake of an accurate description of diffusion 
in e-zirconium, the solute diffusion coefficients have to 
be compared with the self-diffusion coefficients 
measured in e-zirconium single crystals. Self-diffusion 
in a-zirconium is still an open question [19, 27] far 
from being precisely understood. Self-diffusion coef- 
ficients in e-zirconium single crystals [19, 27] are 
slower by up to two orders of magnitude than those 
measured in polycrystals. Owing to this shift, the 
predominantly substitutional solutes diffuse faster 
than zirconium single crystal self-diffusion [19, 27] by 
a factor ranging from around one order of magnitude 
(antimony) up to around three orders of magnitude 
(gold). On the other hand, the diffusion of the pre- 
dominantly interstitial solutes mentioned above turns 
out to be even faster: five to nine orders of magnitude 
larger than self-diffusion. This description is based on 
solute and self-diffusion coefficients measured at 800 
to 860 ° C. 

In b c c fl-zirconium the diffusion coefficient of the 
predominantly interstitial solutes is only one to two 
orders of magnitude larger than the zirconium self- 
diffusion coefficient [3]. Very dilute and predomi- 
nantly substitutional solutes in/?-zirconium have dif- 
fusion coefficients which do not differ by more than 
one order of magnitude from zirconium self-diffusion. 

There are two models that predict significant 
interstitial dissolution (and fast diffusion) of metallic 
solutes in metallic solvents to occur. Both of them fit 
zirconium-metal (Zr-M) fast diffusion behaviour [3]. 
One of them, the atomic size criterion, was discussed 
when we analysed [3] the diffusion behaviour of Zr -M 
systems. Predominantly interstitial dissolution of 
metallic solutes in e-zirconium is always related to a 
very restricted solid solubility. This experimental fact 
and the Hume-Rothery rules that control sub- 
stitutional solubility [28] led to the criterion statement: 
"In very dilute metal-metal alloys a significant inter- 
stitial dissolution is expected when the Hume-Rothery 
15% size rule prohibits extended solid solubility and 
when, at the same time, the atomic radius of the solute 
(r) is smaller than that of the solvent (R). For those 
solutes near the limit in which r/R = 0.85, both the 
criterion and the phase diagram have to be analysed 
together". The other model is the valency criterion [3, 
29] and it specifies that: 

1. the solvent must be high-valent or very electro- 
positive. (Zirconium is a tetravalent metal and more 
electropositive than M in the studied systems); 

2. the solute ion must be sufficiently small to be 
placed with little or no ion core overlap in the inters- 
tices formed by the solvent ions in the host lattice. This 
is a necessary condition. (When zirconium is the sol- 
vent the ionic radius of the solute must be smaller than 
0.1 nm); 

3. a low-valent solute is the condition that finally 

determines the fast diffusion behaviour. (Fast- 
diffusing solutes in zirconium have a valency less than 
or equal to one. Trivalent or higher valent solutes 
exhibit predominantly substitutional diffusion 
behaviour.) 

2.2. Criteria for GFA prediction 
2.2. 1. Structural criterion 
The structural criterion [9, 10] specifies that a binary 
metallic system has glass-forming ability when the 
atomic size of the components differ by more than 
15% and when at the same time the heat of formation 
of the equiatomic liquid alloy (z~H M) is lower than 
,-~ - 10 kcalmol-1. AH M is theoretically calculated 
[30] from the electronegativities and electron con- 
centrations of the components by using a semi- 
empirical approximation. The heat of formation of 
the liquid alloy is negative owing to the electro- 
negativity difference of the constituent metals. 

Plotting AH M against r/R for all the binary alloys of 
a selected metal, a GFA map can be constructed. It 
turns out that all the GFA alloys occupy a restricted 
area. 

Giessen [10] drew a AH M against r/R map for the 
Zr -M systems, considering principally those alloys 
that were previously tested concerning their GFA. He 
calculated r/R using the atomic sizes obtained for 
co-ordination number 12 given by Pearson [31]. GFA 
alloys are in the lower left-hand corner of the plot, 
where r/R < 0.85 to 0.90 and AHM< ~ - 
5 kcal real- 1. The boundary of this zone was drawn by 
taking into account those alloys which form glasses 
when the critical cooling rate is ~ = l05 to 
10 6 K sec- 1. 

A AH r~ against r/R map was drawn in the present 
work (see Fig. 3) and will be discussed below (Sections 
3.1 and 3.2). 

2.2.2. T h e r m o d y n a m i c  criterion 
The reduced glass temperature (Tgr) is the parameter 
that gives an evaluation of the glass-forming ability 
for any alloy. Tg, = Tg/TL, where Tg and TL are the 
glass transition temperature and the liquidus tem- 
perature, respectively. As a general rule [9], a GFA 
alloy would be one for which Tgr > "~ 0.60. Because 
there are only few systems with known values of Tg it 
is not possible to evaluate the GFA for a large number 
of systems calculating Tgr. Nevertheless, in binary 
systems the GFA can be ascertained, because it 
appears around the eutectics. This is due to the fact 
that since Tg varies only slowly with composition, Tgr 
increases around the eutectics, where TL decreases. 

Marcus and Turnbull [32] have pointed out that the 
greatest GFA would correspond to the abnormally 
deep eutectics, i.e. those for which TL is much smaller 
than the liquidus temperature of the ideal liquid sol- 
ution, T ° . They noted that in alloys where the primary 
solid solubility is very small, the GFA correlates with 
the parameter (T ° - TL)/T °. They found that a 
binary alloy of 0.15 atom fraction concentration of its 
minor constituent would form a glass by quenching 
from the melt at 106 K sec- 1, when 
(T  ° -- TL)/T ° >~ 0.1. 
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TABLE I T0r for Zr-M (and non-M) systems 

Eutectic composition Tor (from Equation 1) Structure* 
(at %) [111 

Zr65.2 Be34.8 0.28 G 
Zr75.9 Ni24.t 0.43 G 
Zr78C022 0.54 G 
Zr62.sCu37.5 0.56 G 
Zr76Fe24 0.58 G 
Zr75 Rh2s 0.72 G 
Zr67.5 Mn3z 5 0.73 G 
Zr79Pt21 0.77 G 
Zr75 sPd24.5 0.77 G 
Zr56.5 V43.s 0.81 G 
Zr72Cr28 0.84 G 
Zrgt Si 9 0.87 G 
Zr79Ga21 0.87 C 
Zr79Ruzl 0.87 G 
ZrsoOs2o 0.88 G 
Zrsg.7Aglo.3 0.91 C 
Zr75 Bi25 0,91 C 
ZrssBl2 0.92 C 
Zrs6 Re14 0.97 C 
Zr70.5 A129.5 0.98 C 

*G: glass formation, not necessarily at the eutectic composition. 
C: crystallization. 

This correlation fails when appreciable solid sol- 
ubility or compound formation occurs [32]. Another 
approach including these systems was reported by 
Donald and Davies [33]. Instead of TL °, they utilize the 
ideal melting point of the mixture defined as 
~L =- TmAfA + TSmfs, where TAm and Tm B are the melt- 
ing points of the pure A and pure B components in 
their normal isolated state, andfA andfB are the atom 
fractions. ~o is calculated for a simple binary eutectic 
mixture, A:A B:B. For the melt-quenched GFA alloys 
the parameter (f'L ° -- TL)/~  ° turns out to be larger 
than 0.2. 

An even more general approach was developed by 
Whang [11]. It is also suitable for alloys for which the 
eutectic compositions are associated with extensive 
solid solution. This model is based on the comparison 
between Tg and a parameter To: if around the eutectic 
composition Tg > To, the alloy will transform into a 
glass by rapid quenching from the melt. To is a 
composition-dependent temperature [7], and for an 
alloy of a given composition is the temperature at 
which solid and liquid each of this composition have 
the same free energy. To has been theoretically shown 
[7] as being the maximum temperature of the solid- 
liquid interface at which an alloy solidifies without 
solute segregation. 

Whang related the value of the reduced variable at 
the eutectic composition, T0r = To(Co)/To, to the 
reduced eutectic composition, C~r = (Ce - Cs)/C~, 
and to ATm/T  e = (TAm -- T~)/T¢ by: 

) T0r = 1 - --~-e \ 2 _ C~r 1 (1) 

where Ce is the eutectic composition, Te the eutectic 
temperature, To(C,) the value of To at C~, and Cs the 
maximum value of the solid solubility of the minor 
eutectic constituent (B) in the major one (A). 

Table I contains T0r for Zr -M (and non-M) alloys 
calculated with A T m / T  e and C¢r values taken from 
Whang [11]. In this table the alloys are arranged 
_according to increasing T0r values. 

ATm/To and Cer for Zr -M (and non-M) systems 
represented in a two-dimensional plot give the GFA 
map shown in Fig. 1. The boundary line that separates 
the GFA from the non-GFA alloys is the curve rep- 
resented by Equation 1 when T0r = 0.87. This value 
comes from Table I and from Fig. 1, where Zr-Si, 
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0.1 

Zr-Ga,  Z r - R u  and Zr-Os  appear as the limiting 
cases between glass formation and crystallization. 

Whang [11], using 7~e in place of Te and ir ° - ire in 
place of ATm = Tm A - T e ,  obtained the liquidus 
reduced temperature iPLR = (7~e -- TL)/T ° and used it 
instead of ATm/Te to construct the GFA map. He 
pointed out that TLR is of "broader application" than 
ATm/Te, because it permits the analysis of any alloy 
composition. The iPLR against Cer map for Zr -M (and 
non-M) alloys from Whang [11] is shown in Fig. 2, 
except for the boundary line. In Whang's paper this 
line was calculated for Ti -M (and non-M) systems 
and used for the other systems studied there. In the 
present work it was specifically calculated for the 
Zr -M systems, using in Equation 1 the iPLR value for 
Zr-Si  and Zr-Ru,  the alloys which appear in Fig. 2 as 
the limiting cases of GFA. This gave Tdr = 0.90 (the 
line drawn in Fig. 2). Note that we now denote the 
variable of Equation 1 as T~r because irLR was used 
instead of AT~/To. 

3 .  D i s c u s s i o n  

The following discussion will be developed in terms of 
the GFA maps, using the data of heterodiffusion in 
zirconium and the criteria for the prediction of fast 
diffusion, in order to reveal the phenomenological 
connections between glass-forming ability and fast 
diffusion in Zr -M systems. 

3.1. The GFA map of AH  M against atomic 
s i z e ,  and the measured fast d i f fus ion 

The AH M against r/R map drawn in the present work 
is shown in Fig. 3. In this map the abscissae represent 
the closest distances of approach of the atoms in the 
crystal structure of the metallic elements [28], and the 

ordinates represent the values of AH M for Zr -M 
systems. The abscissae of the plot also show the pos- 
itions of the metals with respect to Hume-Rothery's 
atomic size condition applied to the substitutional 
solubility of M in zirconium. In this plot the GFA 
zone is bordered by the ordinate AH M = 0 kcal mol- 
and the abscissa r/R = 0.85 (R being the ~ and 
/?-zirconium interatomic distances). 

The alloy Z r -Au  is an exception. It is outside the 
GFA zone although Giessen marked it as a GFA alloy 
[10]. The filled circle for manganese in the non-GFA 
zone does not constitute an exception, since there is 
another point for manganese well inside the GFA 
zone [28]. 

Although not reported in [10], metallic glasses of 
Z r -V  and Zr -Cr  alloys have recently been obtained 
by rapid quenching from the melt [11, 34]. 

The main observation, in conclusion, is that all the 
Zr -M systems of measured fast diffusion, M = 
chromium, manganese, iron, cobalt, nickel, copper 
and beryllium, are inside the GFA zone (Fig. 3). 

3.2. Glass- forming al loys near the r/R = 0.85 
l imit  and the predict ion of their d i f fus ion 
behaviour: Z r - V  and Z r - A u  systems 

Around the limit r/R = 0.85 of the GFA zone there 
are glass-forming systems for which diffusion par- 
ameters have not been measured. They are the Zr-M 
systems with M = ruthenium, rhenium, lead, 
osmium, and platinum. We applied to them the 
criteria to predict fast diffusion, by using the data 
shown in Table II, with the following results. 

The valency criterion indicates that the fast dif- 
fusion of all these metallic solutes in zirconium is 
possible. They are more electronegative than 
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zirconium, their ionic radii are smaller than 0.1 nm 
(Table IIa) and their valency is 0 [29]. 

The Z r -Ru  phase diagram [37-39] shows at both 
extreme compositions restricted solid solubilities 
(Table lib). This system presents only two intermetal- 
lic compounds that exist over a range of compositions. 
Therefore, the solid solubilities do not seem to be 
restricted by the influence of the large electro- 
negativity difference between zirconium and ruthenium 
(Table IIa). This difference would induce the forma- 
tion of compounds more ionic in character and would 
preferentially reduce the solubility of ruthenium in 
zirconium. Then the difference in atomic sizes (Fig. 3) 
must be the reason for the restricted solid solubility. 

In Fig. 3, where the abscissa represents Hume- 
Rothery's rule for substitutional solubility in 
zirconium, platinum is within the zone where solid 
solubility is favoured, though very near to the 
r/R = 0.85 limit. The Zr-Pt  phase diagram shows 
restricted solid solubility at both extreme com- 
positions [38]. Nevertheless, it has several intermetallic 

T A B L E  I I a  Pauling electronegativities (EN) and ionic radii 
(ri) of  M = Ru, Rh, Pd, Os and Pt 

M EN [35] ri (nm) [36] 

Ru 2,2 Ru 4+ 0.065 
Rh 2,2 Rh 3+ 0.068 
Pd 2,2 Pd 2+ 0.050 
Os 2.2 Os 4+ 0.067 
Pt 2.2 Pt 2+ 0.052 

compounds that exist at stoichiometric compositions 
[37-39]. Therefore, the electronegativity difference 
seems to have an influence on the Zr-Pt diagram, 
restricting the solid solubilities. This influence is 
opposed to the significant partial interstitial 
dissolution of platinum in zirconium. 

The solubilities of M = rhodium, lead and osmium 
in zirconium (Table IIb) are smaller than or very near 
to the characteristic solubility values of the interstitial 
metal solutes in zirconium. Instead, there is an exten- 
sive solubility of zirconium in M. In addition, Zr-Os 
[37, 38, 40] shows two and Zr-Rh [40] shows three 
intermetallic compounds and for both systems only 
one of these compounds, that which is richer in zir- 
conium, appears as a line in the phase diagrams. 
Zr-Pd has four intermetallic compounds, all of them 
at stoichiometric compositions [38-40]. Therefore, in 
these systems substitutional solubility seems to be 
favoured by the electronegative and low-valent 
solvent (M) and would be restricted in the electro- 
positive, high-valent solvent (zirconium). As the inter- 
atomic distances of rhodium, palladium and osmium 
are just near the limit r/R = 0.85, their substitutional 
solubilities in zirconium would not be restricted by the 
atomic size effect, but by their differences in valencies 
and electronegativities with respect to zirconium 
(Fig. 3 and Table IIa and b). 

Summarizing, it can be said that the atomic size 
criterion combined with the judicious observation 
of some aspects of their phase diagrams predict 
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TAB L E I ~[ b Maximum of the solid solubility of M in ~-Zr (Cs ~) and fl-Zr (C~) and maximum of the solid solubility of Zr in M (C~). 
M = Ru, Rh, Pd, Os and Pt 

M C~ (at % of M) Reference C~ (at % of M) Reference C~ (at % of Zr) Reference 

0.35 ss t 
Ru 0.5 [39] 11 [39] 0.5 tp: [37] 

Rh 1 * (700 ° C) [39] 9 [40] 10 [40] 
Pd 0. I* (700 ° C) [39] 11.5 [38, 40] 20* (700 ° C) [39] 

0.2* (800 ° C) [39] 20* (1000 ° C) [39] 
Very small [38, 40] I4 [40] 

Os i.6 [40] 10 [40] 8 [40] 
Pt 0.5 [38] 7 [38] 0.5 [38] 

*Isolated vatues of solid solubility; the maximum values does not appear in [37-40]. 
*ss: solid solution. 
~tp: two-phase alloy. 

predominant substitutional diffusion behaviour for 
rhodium, palladium and osmium in zirconium; and 
fast diffusion for ruthenium in zirconium. For plati- 
num neither substitutional nor interstitial predomi- 
nant diffusion behaviour can be predicted. 

The Z r - V  system forms metallic glasses and it is 
within the GFA zone in the map of Fig. 3, the ratio 
r/R for vanadium being smaller than 0.85. Neverthe- 
less its diffusion in zirconium is slow, substitutional 
and because of that, vanadium was previously marked 
as an exception to the atomic size criterion for fast 
diffusion prediction [41]. 

The ionic radius of Au + is larger than 0.1 nm [36] 
and for the A u - Z r  system r/R > 0.85 (Fig. 3). The 
gold ionic size therefore prohibits its interstitial dis- 
solution in zirconium and the atomic size criterion 
predicts its substitutional dissolution in zirconium. 
These predictions are confirmed experimentally, since 
diffusion of gold in zirconium is slow [19] and the 
solubility of zirconium in gold is extensive [37-40]. 

We conclude that the Zr -M glass-forming systems 
with AH M < 0kcalmo1-1 and placed in the limit 
r/R ,~ 0.85 of the AH M against interatomic distance 
plot, are not necessarily fast-diffusion systems. 

3.3. GFA maps of ?,R (or ATm/Te) against 
Ce,, solid solubility in fl-zirconium and 
fast-diffusion 

An important characteristic of the thermodynamic 
criterion for GFA prediction [11] is that it relates 
through the variable C~r the GFA of the alloys to the 
solid solubility of its minor constituent in the major 
one. In the thermodynamic criterion, Ce~ is introduced 
as a variable, in addition to 7~LR [31, 32] (see the 

T A B L E  I Ic  Maximum of the solid solubility of M = Cu to V 
in the first long period in fl-Zr (C[) 

M C[ (at % of M) Reference 

V 16.5 [371 
Cr 10.4 [371 

7.8 
7.5 [39] 

Mn 10.2 [37] 
Fe 6.75 [38] 
Cu 5.3 [37] 
Co 3.37 [39] 
Ni 2.9 [37] 

3 [381 

expression for Cer and Equation 1 in Section 2.2.2 and 
the maps in Figs. 1 and 2). 

Table I contains the T0r values of Zr-M (and 
non-M) alloys and Table IIc shows the values of the 
maximum solid solubility of M in fl-zirconium (C~) 
for M = vanadium, copper and the later transition 
elements of the first long period. In this table, the 
elements are arranged according to decreasing C[. 
From these and from Figs. 1 and 2, it can be seen [l 1] 
that as C[ decreases, the point representing the alloy 
and its corresponding T0r value go further into the 
GFA zone, suggesting a tendency of the GFA to 
increase as C{ decreases. 

Thus, C{ appears as a link between GFA and fast 
diffusion in zirconium, when it is remembered [3] that 
the extent of Cs p also characterizes the nature of the 
primary solid solution (and the diffusion behaviour) in 
zirconium. C[ is always more restricted (less than 
11 at %) for the predominantly interstitial solutes than 
for substitutional solutes; in the latter case it is signifi- 
cantly larger than 11 at % and in many cases reaches 
100 at %. For the metals considered in Table IIc, the 
more soluble vanadium is a slow, substitutional dif- 
fusing solute whereas the less soluble copper and later 
transition metals are predominantly interstitial, fast- 
diffusing solutes. 

3.4. Zr-M fast-diffusing systems in the 
classification of metallic glasses 

The metallic glasses that can be obtained by rapid 
quenching from the melt were classified by Giessen [9], 

T A B L E  I I I  Classification of the metallic glasses (GFA alloys) 
according to the chemical nature of their components [9] 

Groups* Representative systems 

Major systems 
T 2 (or noble) metal 
+ metalloid (X) 
T l metal + T 2 metal (or Cu) 
A metal + B metal 
Lanthanide + T 2 or B metal 
Aetinide + T 2 metal 

Pd-Si, Co-P, Fe -P -C ,  N i -P -B  

Zr-Cu,  Ti-Ni, N b - N i  
Ca-A1, M g - Z n  
La-Ni,  Ce-A1 
U-Fe,  Pu-Ni 

Miscellaneous systems 
T 1 metal + A metal (Ti-Zr)-Be 
Actinide + T l metal U - C r  
A metal + T 2 metal Ca-Ni,  Ca-Pd 

*A metal = Li, Mg groups; T ~ metal = early transition metal (Sc, 
Ti, V groups); T 2 metal = late transition metal (Mn, Fe, Co, Ni 
groups); B metal = Cu, Zn, AI groups; metalloid = B, C, Si, 
Ge, P. 
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according to the chemical nature of their components. 
This classification consists of two categories: "major 
systems" and "miscellaneous systems". It is shown in 
Table IlL 

It is to be noted that the Zr -M glass-forming alloys 
that exhibit fast diffusion of M in zirconium, except 
Zr-Be, are found in the second group of the "major 
systems" category (i.e. T 1 metal + TEmetal (or 
copper)). Z r -Cr  glasses [34] also appear in this group 
and category if chromium is considered as a late 
transition metal. Zr-Be glasses are found in the 
"miscellaneous systems" category. 

4. Conclusions 
Those binary alloys Zr -M in which there is fast dif- 
fusion of M in zirconium are easy glass-forming sys- 
tems. In the framework of some semi-empirical 
criteria the same physical properties allow the predic- 
tion of both forms of behaviour. These experimental 
facts would confirm Turnbull's suggestion [4] that 
these two apparently unrelated phenomena have to be 
governed by the same kind of atomic properties. 
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